We present the design of novel solid electrolytes using tapered block polymers (TBPs). In this work, we synthesize a series of TBPs via atom transfer radical polymerization (ATRP) consisting of rigid polystyrene and ion-conducting poly(oligo-oxyethylene methacrylate) segments and explore the role of tapered interfaces on ion transport. Previous studies on TBPs have shown that manipulating the taper composition in block polymers can reduce the unfavorable polymer-polymer interactions between blocks, enabling the design for highly-processable (lower order-disorder transition temperature) polymer electrolytes. Herein, we demonstrate that the taper profile and taper volume fraction significantly impact the glass transition temperatures (T g s) in block polymer electrolytes, thus affecting the ionic conductivity. Additionally, we find that the normal-tapered materials with z60 vol% tapering exhibit remarkable improvements in ionic conductivity (increase z190% at 20 C and increase z90% at 80 C) in comparison to their non-tapered counterparts. Overall, our TBPs, with controllable interfacial interactions, present an exciting opportunity for the fabrication of cost-effective, highly-efficient, and stable energy storage membranes.
Introduction
Rechargeable lithium-metal batteries are among the most promising technologies for future electrochemical energy storage devices due to their high energy densities, low selfdischarge rates, and minimal memory effects. [1] [2] [3] [4] [5] [6] However, conventional liquid electrolytes in lithium-metal batteries are potential hazards due to dendrite formation that can shortcircuit batteries during repeated charge-discharge cycles.
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Moreover, recent incidents with commercial lithium ion battery packs in the transportation industry indicate that the ammable organic liquid electrolyte may allow batteries to become thermally and electrochemically unstable. 10 These safety and performance concerns have promoted interest in solid-state lithium-metal batteries containing solvent-free electrolytes.
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Block polymers (BPs) have been investigated extensively as solid-state electrolytes for rechargeable lithium-metal batteries due to their ability to self-assemble into ordered nanostructures.
14-16 Such BP nanostructure formation, governed by the segregation strength (cN, c: Flory-Huggins interaction parameter and N: degree of polymerization) and volume fraction (f) of the block, permits simultaneous control over ion transport and mechanical strength, thus providing an enticing opportunity toward fabricating designer materials for polymer electrolytes. [16] [17] [18] [19] [20] For example, in diblock copolymer systems, the ion-conducting block can be complexed with lithium salts, and the lithium ion in polymer-salt complexes can be transported via segmental motion of polymer chains. In this case, the nonconducting block can provide mechanical support and suppress dendrite formation. Researchers have reported the preparation of solid-state electrolytes with a combination of high mechanical strength and ionic conductivity using nanostructured BPs. 17, [21] [22] [23] For example, Balsara and co-workers designed a highmolecular-weight poly(styrene-b-ethylene oxide) (P(S-EO)) BP electrolyte that achieved ionic conductivities on the order of 10 À4 S cm À1 and shear moduli on the order of 10 8 Pa at 90 C.
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Additionally, recent work by Lodge and co-workers demonstrated the preparation of a bicontinuous polymer electrolyte containing interpenetrating domains of cross-linked PS and PEO/ionic liquid. 22 Their materials achieved ionic conductivities above 10 À3 S cm À1 and tensile moduli z10 8 Pa at room temperature. 22 Although these high-molecular-weight polymer electrolytes provide exceptional transport and mechanical properties, the high processing cost due to the high segregation strength, among other factors, has restricted their potential in battery applications.
prole between two pure blocks as shown in Fig. 1 . [25] [26] [27] [28] [29] This architecture differs from gradient copolymers, which have a graded compositional prole extending along the entire polymer chain. [30] [31] [32] [33] [34] [35] Previous studies have demonstrated that manipulating the segment distribution in BP systems can decrease the effective segregation strength between blocks by reducing the effective c; in other words, the processing temperatures can be tuned independent of the chemical constituents and the molecular weight (i.e., mechanical properties) using tapered interfaces. 26, 32, [35] [36] [37] [38] Additionally, the intermixing between two polymer domains in BPs substantially increases block compatibility, enabling independent control over BP chain stretching and the glass transition temperature (T g ) at a constant chemical composition. 28, 29, 31, [39] [40] [41] [42] Moreover, both experimental and theoretical work on TBPs has shown that these materials are able to selfassemble into ordered cylinder and complex network nanostructures, which are advantageous for polymer electrolytes due to their three-dimensional conducting pathways. 25, 26, 37 These unique properties make TBPs attractive candidates for potential conducting applications.
In this work we applied, for the rst time, TBPs as electrolytes and explored the role of tapered interfaces on the ionic conductivity using a model system comprised of mechanically rigid PS and ion-conducting poly(oligo-oxyethylene methacrylate) (POEM) ( Fig. 1(d) ). POEM was chosen in this work for its superior room temperature conductivity relative to PEO as a result of a signicantly reduced driving force toward crystallization in POEM. 24, 43, 44 The inuence of tapering on ionic conductivity was studied relative to taper prole (normaltapered vs. inverse-tapered) and taper volume fraction. By developing a better understanding of TBPs, this work provides a promising strategy for designing novel polymer electrolytes with a combination of improved ionic conductivity and sufficient mechanical strength, without compromising processability. 
Synthesis of tapered block polymers (TBPs)
The synthesis of TBPs was accomplished via atom transfer radical polymerization (ATRP). The PS block was polymerized at 100 C in a mixture of Cu(I)Br (0.73 mmol), PMDETA (1.46 mmol), styrene (0.3 mol), and anisole (17 ml) using PgBiB (0.73 mmol) as the initiator. The reaction proceeded for 8 h and was terminated by cooling at room temperature and exposing to air. The Br-capped PS (PS-Br) was puried by passage through a neutral alumina column and followed by precipitation from methanol. The number-average molar mass (M n ) and dispersity (Đ) were determined using gel permeation chromatography (GPC) on a Viscotek 270Max instrument tted with Waters Styragel HR1 and HR4 columns in series, operating with THF as the mobile phase, and calibrated using PS standards. PS-Br served as the macroinitiator for the semi-batch synthesis of the normal-tapered and inverse-tapered polymers. Styrene and OEM monomers were added to the reactor vessel at predetermined ow rates using automated syringe pumps. The ow rates were calculated based on monomer reactivity ratios determined from the Mayo-Lewis relationship (ESI Fig. S1 †).
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To conrm the composition prole in the taper, aliquots were taken during the polymerization of the tapered segment and analyzed via proton nuclear magnetic resonance ( 1 H NMR) spectroscopy (Bruker AV-400) (ESI Fig. S2 †) . The ATRP reaction to form the tapered segment was designed to reach the desired composition and molecular mass at relatively low monomer conversions (z30%) to maximize the bromine endgroup delity. At the end of the taper region polymerization, pure OEM monomer was added to the reactor for the synthesis of the POEM block. The nal TBP was puried by passage through neutral alumina and precipitation from cold isopropanol. The non-tapered P(S-OEM) BP was synthesized in a similar fashion but with no tapering step. M n , Đ, and POEM volume fraction were characterized via a combination of GPC and 1 H NMR using homopolymer densities at room temperature (r PS ¼ Table 1 . Normal-tapered and inverse-tapered samples are denoted as P(S-SOEM-OEM) x and P(S-OEMS-OEM) x , respectively, for which x represents the taper volume fraction in the TBP.
Preparation of salt-doped samples
Salt-doped polymers were prepared in an argon-lled glove box to prevent moisture uptake. Polymers were dried rigorously before transferred into the glove box. Measured amounts of polymers and LiCF 3 SO 3 were dissolved in anhydrous THF, followed by solvent removal under dynamic vacuum, and then stored in the glove box.
Small-angle X-ray scattering (SAXS)
Synchrotron SAXS experiments were conducted on the DND-CAT 5-ID-D beamline at the Advanced Photon Source of Argonne National Laboratory with an incident beam of wavelength l ¼ 0.7293Å and a Mar CCD detector at a sample-todetector distance of 8503 mm (APS-SAXS). Lab source SAXS experiments were conducted at the University of Delaware (UD) on a Rigaku SAXS instrument as described elsewhere (UD-SAXS). 49 All two-dimensional scattering data were azimuthally integrated, resulting in plots of scattered intensity versus scattering vector, q ¼ 4pl À1 sin(q/2), for which q is the scattering angle. All SAXS samples were pre-annealed at 120 C for 2 h, heated to 150 C for 2 h, and then cooled to 30 C under dynamic vacuum. APS-SAXS and UD-SAXS data were acquired at 30 C, 120 C, and 150 C heating ramp with 15 min annealing at each temperature. APS-SAXS experiments were performed under nitrogen ow, and UD-SAXS experiments were conducted under dynamic vacuum.
Transmission electron microscopy (TEM)
BP morphologies were examined on a JEM-3010 TEM. TEM samples were prepared following the same pre-annealing protocol used for the SAXS specimens. Samples were cut into z70 nm slices at À120 C using a cryo Leica Reichart Ultracut S microtome. The TEM was operated at an accelerating voltage of 200 kV. The POEM domain was stained with ruthenium tetroxide (RuO 4 ) vapor at room temperature for z60 s to enhance contrast prior to imaging.
AC impedance spectroscopy
A Princeton Applied Research PARSTAT 2273 frequency response analyzer with a homemade test cell on a Linkam HFS91 CAP stage was used to conduct ionic conductivity measurements. Polymer specimens were hot-pressed into disks under vacuum in the glove box and then placed into a test cell as described previously. 50 Samples were pre-annealed at 120 C for 2 h and then cooled to 20 C at 30 C min À1 and held for 1 h. The impedance measurements were conducted under dynamic vacuum, and the ionic conductivity was measured on heating. Two impedance measurements were taken at each temperature with 5 min and 8 min annealing times. The rst measurement is reported in the text, while the second measurement was used to ensure that the ionic conductivity results were consistent during the annealing. The AC frequency range and voltage amplitude were 0.1-1 MHz and 10 mV, respectively. The bulk resistance of the electrolyte, R, was determined from the highfrequency plateau in the real impedance data, and the ionic conductivity, s, was calculated using s ¼ L/(RA), for which L is the sample thickness, and A is the contact area between the sample and the aluminum foil electrode.
Differential scanning calorimetry (DSC)
DSC experiments were conducted using a TA Instruments Discovery DSC equipped with an RCS90 cooling accessory. Samples were sealed in aluminum pans and heated through three cooling/heating cycles between À85 C and 150 C at 10 C min À1 under a nitrogen atmosphere. Baseline calibration was performed with sapphire disks, while the temperature and the cell constant were calibrated using an indium standard. The T g value was determined from the midpoint of the inection in the third heating trace.
Results and discussion
The macromolecular characterization of non-tapered P(S-OEM), normal-tapered P(S-SOEM-OEM) 0.62 , and inverse-tapered P(S-OEMS-OEM) 0.61 BPs is reported in Table 1 . GPC traces, as shown in ESI Fig. S3 , † were used to conrm the shis in molecular mass distributions, indicating the formation of well-dened polymers at each synthetic step. The morphologies of neat (non-doped) and LiCF 3 SO 3 -doped polymers were examined using a combination of SAXS and TEM. SAXS data, acquired at 30 C, for P(S-OEM), P(S-SOEM-OEM) 0.62 , and P(S-OEMS-OEM) 0.61 are presented in Fig. 2 . The neat P(S-OEM) BP (Fig. 2(a) ) exhibited SAXS diffraction peaks at q/q* ¼ 1 and 2 (for which q* was the primary peak location), and the domain spacing of 25.8 nm in P(S-OEM) was obtained from q* (d ¼ 2p/q*). The peak ratios were indicative of a lamellae (LAM) phase, and the TEM micrograph ( Fig. 3(a) ) further conrmed the LAM assignment. The domain spacing of P(S-OEM) obtained from TEM was 21.3 nm, which is smaller than that obtained from SAXS. However, the thickness of a PS stripe in Fig. 3(a) was z13 nm as expected based on the PS volume fraction and the domain spacing from SAXS. The deviation between SAXS and TEM results likely was due to POEM shrinkage under exposure to the electron beam in TEM. 16, 50 With the addition of LiCF 3 SO 3 at the salt-doping ratio of [EO] : [Li] ¼ 15 : 1, the primary peak of P(S-OEM) shied to q* ¼ 0.018Å
À1
, giving a domain spacing of 34.4 nm. The scattering peaks located at q/q* ¼ 1, O3, 2, O7, and 3 suggest a hexagonally-packed cylinder (HEX) morphology. TEM micrographs showed both hexagonally-packed dots (Fig. 3(b) ) and parallel stripes (Fig. 3(b) inset) , which support the HEX assignment.
A similar morphological analysis was conducted for normaltapered P(S-SOEM-OEM) 0.62 and inverse-tapered P(S-OEMS-OEM) 0.61 to investigate the effects of taper prole on BP selfassembly. The SAXS patterns for neat P(S-SOEM-OEM) 0.62 ( Fig. 2(b) ) and P(S-OEMS-OEM) 0.61 ( Fig. 2(c) ) were featureless and indicative of disordered morphologies. This difference in morphology in comparison to the P(S-OEM) specimen was due to the interfacial modication of our tapered polymers and suggested a lower order-disorder transition temperature (T ODT ) in the tapered materials relative to their non-tapered counterpart. Upon salt doping at [EO] : [Li] ¼ 15 : 1, SAXS proles of LiCF 3 SO 3 -doped P(S-SOEM-OEM) 0.62 (Fig. 2(b) ) and LiCF 3 SO 3 -doped P(S-OEMS-OEM) 0.61 ( Fig. 2(c) ) exhibited scattering peaks at q/q* ¼ 1, O3, 2, and O7, indicative of HEX morphologies. The TEM micrographs for LiCF 3 SO 3 -doped P(S-SOEM-OEM) 0.62 (Fig. 3(c) ) and LiCF 3 SO 3 -doped P(S-OEMS-OEM) 0.61 ( Fig. 3(d) ) with hexagonally-packed dots and parallel stripes (insets in Fig. 3(c) and (d) ) support our HEX assignments. Notably, the domain spacings of LiCF 3 SO 3 -doped P(S-SOEM-OEM) 0.62 and LiCF 3 SO 3 -doped P(S-OEMS-OEM) 0.61 were 20.6 nm and 17.0 nm, respectively, showing a signicant deviation from the corresponding non-tapered LiCF 3 SO 3 -doped P(S-OEM) (d P(S-OEM):Li ¼ 34.4 nm), especially for the inverse-tapered material. The reduction in d for TBPs was consistent with theoretical predictions by Hall and co-workers. 37 This result demonstrates that the domain sizes of lithium-doped BPs can be manipulated independent of the chemical constituents and the polymer molecular mass using tapered interfaces.
To determine the effects of tapering on the ionic conductivity, AC impedance experiments were conducted on the HEXforming P(S-OEM), P(S-SOEM-OEM) 0.62 , and P(S-OEMS-OEM) 0.61 samples at a salt-doping ratio of [EO] : [Li] ¼ 15 : 1. The temperature-dependent conductivity proles of LiCF 3 SO 3 -doped tapered and non-tapered BPs are shown in Fig. 4(a) . For comparison, the ionic conductivity of a P(S-EO) sample with HEX morphology (Table 1 Fig. 4(a) . The ionic conductivity of P(S-EO) dropped substantially below 60 C due to crystallization of PEO domain (see DSC data in ESI Fig. S5 †) . 51 For the POEMcontaining specimens, all salt-doped polymers remained amorphous (ESI Fig. S5 †) and showed the absence of a sharp drop in conductivity over the experimental temperature range. The conductivity of POEM-based BPs was $10 À6 S cm À1 at 20 C, which was 2 orders of magnitude higher than P(S-EO) samples (s P(S-EO) $10 À8 S cm À1 at 20 C). Additionally, the POEM-based samples exhibited lower T g s (Fig. 4(b) ) in comparison to P(S-EO), suggesting the potential for enhanced segmental motion in POEM domains relative to PEO domains. Among the three POEM-based BPs, the normal-tapered P(S-SOEM-OEM) 0.62 showed the maximum ionic conductivity. Considering that all samples had the same morphology, we postulate that the improved ionic conductivity in the normaltapered sample resulted from the lower T g of the conducting domains as reported in Fig. 4(b) . [52] [53] [54] [55] As the POEM-based polymer electrolytes had similar molecular masses and chemical compositions, the shiing of the T g in the P(S-OEM) systems likely was caused by the presence of tapered interfaces. Additionally, we hypothesize that the direction of T g shiing is inuenced by the chain conformation at the block interface, which is different between the normal-tapered and inversetapered polymers.
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To examine the effect of T g on the ion transport, the conductivity data for all LiCF 3 SO 3 -doped polymers were normalized by T g as shown in Fig. 5 . The T g -scaled conductivity proles of POEM-based polymers collapsed onto a single master curve, conrming that T g plays a critical role for lithium-ion conduction in this BP system.
To further explore the inuence of tapered interfaces on the ionic conductivity, the nonlinear Vogel-Fulcher-Tammann (VFT) equation (eqn (1)) was employed, 1,57,58
in which s 0 is the pre-exponential factor proportional to the number of charge carriers, B is related to the activation energy of ion motion, T is the temperature, and T 0 is the reference temperature. Herein, T 0 ¼ T g À 50 K was chosen, for which T g is the glass transition temperature of the conducting domains in salt-doped polymers. 59, 60 The VFT equation (eqn (1)) was t to the conductivity data in Fig. 4(a) as solid lines, and the corresponding B parameters are reported in Table 2 . The lower B values in the POEM systems relative to the P(S-EO) material were expected due to the high chain mobility of the short PEO side chains compared to the long PEO backbone. 61 The P(S-SOEM-OEM) 0.62 exhibited the lowest VFT activation energy among POEM-based BPs. Although the reduction of B values was slight, the combination of improved ionic conductivity and low T g as detailed above demonstrate that the normal-tapered BP electrolytes provided superior transport properties relative to their inverse-tapered and non-tapered counterparts.
We further investigated the effect of taper fraction, f taper , on TBP ionic conductivity using normal-tapered BPs with f taper ¼ C min À1 for all samples. The DSC traces were shifted vertically for clarity. The T g value was determined from the midpoint of the inflection in the third heating trace. Fig. 6(a) . P(S-SOEM-OEM) 0.62 showed SAXS diffraction peaks located at q/q* ¼ 1 and 2. These peak ratios corresponded to a LAM morphology, which was supported by the TEM micrograph in Fig. 6(b) . The P(S-SOEM-OEM) 0.32 sample, which had a smaller taper fraction, also exhibited a LAM morphology as evidenced by the SAXS peak ratios of 1, 2, and 3 shown in Fig. 6(a) and the corresponding TEM micrograph in Fig. 6(c) . From the primary peak locations, the domain spacings of LiCF 3 SO 3 -doped P(S-SOEM-OEM) 0.62 and LiCF 3 SO 3 -doped P(S-SOEM-OEM) 0.32 were 19.1 nm and 22.5 nm, respectively. This difference likely did not occur as a result of molecular mass or composition, which were similar between the two samples. Instead, the smaller domain spacing in P(S-SOEM-OEM) 0.62 was attributed to the wider tapered interface and reduced chain stretching that resulted from the increased compatibility between the two blocks.
35,37
Fig . 7(a) shows the temperature-dependent ionic conductivity proles for P(S-SOEM-OEM) 0.62 and P(S-SOEM-OEM) 0.32 at a salt-doping ratio of 24 : 1. P(S-SOEM-OEM) 0.32 exhibited lower conductivities relative to P(S-SOEM-OEM) 0.62 over the entire experimental temperature range, which was expected when considering that the T g of P(S-SOEM-OEM) 0.32 was 10 C higher than that of P(S-SOEM-OEM) 0.62 (Table 2) . Normalization of the data to T g /T collapsed the ionic conductivities for the two LiCF 3 SO 3 -doped normal-tapered materials onto a single curve ( Fig. 7(b) ), again suggesting that ion transport in these materials is dominated by the T g . Moreover, this result showed that the T g could be tuned by the interfacial width, thus allowing control of the ionic conductivity. Analysis of the ionic conductivity using the VFT equation also revealed that the VFT activation energy decreased when the tapered interface was increased (Table 2 ). This result possibly indicates that the modication of interfacial structure between blocks can reduce the barriers for ion motion and promote ion transport. In future work, a systematic analysis of TBP mechanical properties is useful to gain insight into the additional effects of tapering. As T ODT and T g of the salt-doped BPs have shown a strong dependence on the interfacial prole between polymer blocks, an impact in mechanical properties by tapered interfaces may be expected.
Conclusions
We prepared, for the rst time, TBP electrolytes based on P(S-OEM) BPs. This new family of nanostructured polymer electrolytes provided a unique approach for tuning thermal and transport properties at constant molecular mass and chemical composition. Of particular importance, the tapered interfaces presented an excellent ability to manipulate T g of BP electrolytes through adjustments in the taper prole and taper volume fraction, thus enabling the ability to design materials with tailored conductivity. This interfacial modication approach for polymer electrolytes offers an avenue for solving the dueling problems of efficiency and cost in current electrolytes and displays promising potential for energy storage devices.
